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A new process for composite fabrication was developed which improves distribution of the 
particulate reinforcing phase by polymer encapsulation of the particulate prior to consolidation. 
The effect of such processing on the fatigue-crack propagation and fracture toughness behaviour 
of particulate thermoplastic composites was investigated. Composites of several particulate 
size ranges were fabricated into disc-shaped, compact tension specimens and tested under cyclic 
and monotonic loading conditions. For comparison, a composite was also fabricated using 
a standard casting technique. The observed fatigue-crack growth rates spanned three orders of 
magnitude (10 -11 to 10 -9 m per cycle) over an applied stress intensity range, AK, of 0.3 to 
1.1 MPa m 1/2. The measured fracture toughness values ranged from 0.69 to 2.95 MPa m 1/2. 
Comparison of the two processing techniques indicated that encapsulation processing increased 
the fracture toughness of the composite by approximately 33% ; however, the fatigue-crack 
growth behaviour was unaffected. In addition, a trend of increasing crack growth resistance 
(toughness) with increasing reinforcement particle size was observed. These results are discussed 
in the light of crack shielding and bridging models for composite toughening. 

1. In troduct ion  
The incorporation of second-phase reinforcements 
into polymer matrices has widened the applicability of 
polymers by enhancing key physical and structural 
properties. Specific properties may be improved by the 
proper combination of matrix resin and reinforcement 
phase. In this fashion, custom-tailored composites can 
be produced to satisfy a wide range of applications. 
Improved mechanical properties, abrasion and cor- 
rosion resistance, and reduced structural weight and 
cost are some of the advantages when composites 
replace conventional metallic materials. 

Particulate reinforcements have traditionally been 
utilized to enhance secondary physical properties of 
composites, whereas fibre reinforcements were used 
primarily to enhance mechanical strength. Due to the 
advantages of their isotropic mechanical properties, 
particulate composites have more recently been ex- 
ploited in structural applications. As a result, several 
studies have been undertaken to address the effect of 
reinforcements on the crack propagation behaviour of 
this class of composites [1 3]. 

Particulate composites are generally fabricated 
by mechanically incorporating reinforcement during 
polymerization through shear mixing, which requires 
good reinforcement wetting by the polymer. In par- 
ticular, wetting is highly dependent on the surface area 

to be wet, as well as on the viscosity of the wetting 
liquid. As surface area is increased, either by an in- 
crease in the volume fraction of filler or by a decrease 
in filler particle size, uniform polymer wetting be- 
comes more difficult. To improve wetting, the viscos- 
ity of the system can be reduced. However, since 
suspension stability decreases with decreasing viscos- 
ity, excessive settling may occur, leading to non- 
uniform particulate distributions. Consequently, the 
volume fraction and size of reinforcement that can be 
uniformly dispersed by shear mixing is limited. The 
maximum attainable composite properties are there- 
fore constrained by the wetting/uniformity trade-off 
established by processing limitations. Furthermore, 
the casting processes typically employed in particulate 
composite fabrication induce residual stresses as a re- 
sult of matrix shrinkage during polymerization. Since 
studies have shown that the mechanical properties of 
particulate composites are significantly influenced by 
the reinforcement size [1], volume fraction [4-6], 
distribution [7, 8] and residual stress levels [9], an 
alternative to shear mix processing/casting may result 
in significant mechanical property benefits. 

The processing flexibility necessary to provide an 
alternative to shear mixing is afforded by thermoplas- 
tic resins. Thermoplastics have two major advantages 
as matrix resins. Firstly, the mechanical strength of 
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thermoplastics is derived from the physical entangle- 
ment of long molecular chains. The rotational free- 
dom of these linear chains results in resins capable of 
absorbing substantial energy without damage. This is 
in contrast to thermosets which depend upon chem- 
ical cross-linking to achieve mechanical strength, with 
high cross-link densities required for high strength. 
Such high cross-link densities, however, often result in 
brittleness. Secondly, thermoplastics offer the advant- 
age of reprocessability. Since the physical entangle- 
ment of molecular chains is a reversible process, ther- 
moplastics can be reprocessed by heating above their 
flow temperature and reconsolidated. For thermoset- 
ting systems, however, the molecular configuration is 
frozen once cross-linking has occurred and the resin 
can no longer be manipulated. The processing flexibil- 
ity exhibited by thermoplastics therefore allows the 
consolidation of complex composite parts with rela- 
tive ease. 

The reprocessability of thermoplastics can also be 
exploited to produce composites of high filler content 
and/or fine reinforcement particles with uniform dis- 
persion through encapsulation processing. By selec- 
tively encapsulating the individual reinforcement 
particles with a thermoplastic polymer prior to con- 
solidation, a uniform particulate distribution is as- 
sured. In addition, since the polymer is cured prior to 
consolidation, shrinkage stresses associated with the 
cure are eliminated from the composite. Finally, 
a wide range of particulate size ranges may be pro- 
cessed due to the elimination of suspension stability 
concerns. The purpose of this study, therefore, is to 
investigate the impact of this novel processing ap- 
proach on the crack propagation behaviour of partic- 
ulate composites. 

2. Experimental procedure 
2.1. Encapsulation processing 
For the task of reinforcement particle encapsulation, 
a precipitation polymerization process was employed. 
This process has been successfully applied to the en- 
capsulation of finely divided pigment particles in the 
paint industry [10]. In the present study, polymethyl 
methacrylate (PMMA) and [3-silicon carbide were se- 
lected for the matrix resin and reinforcement phase, 
respectively. PMMA is a typical aliphatic amorphous 
thermoplastic polymer that is suitable for precipita- 
tion processing. Silicon carbide is frequently used as 
a brittle second-phase reinforcement in particulate 
composites. Particulate sizes of 1, 16, and 100 gm were 
encapsulated, with a constant filler volume fraction of 
30%. This volume fraction has been shown to be 
optimum for enhancing the mechanical properties of 
the composite while minimizing fracture toughness 
degradation [4]. 

]3-silicon carbide powder was prepared by mechan- 
ical grinding followed by sieving to remove large ag- 
glomerates and any coarse fractions. A measured 
quantity was ultrasonically dispersed in a distillation 
flask containing hexane to break up any remaining 
agglomerates. The solution was heated to boiling 

under a distillation column and agitated to maintain 
suspension. The monomer solution was separately 
prepared by dissolving a quantity of methyl metha- 
crylate into hexane. The ratio of silicon carbide to 
methyl methacrylate selected to maintain the desired 
filler volume fraction was determined by iteration. 
Finally, a solution containing 1 wt % benzoyl perox- 
ide in toluene was prepared to provide polymerization 
ruination. 

The prepared solutions were introduced dropwise 
into the suspension over a period of 2 h with agitation 
and allowed to react for an additional 2 h. The reac- 
tion product was transferred to a large container and 
the excess solvent decanted. The slurry remaining fol- 
lowing solvent removal was allowed to stand until 
a firm Consistency was reached. A powder cake was 
formed by vacuum-drying the slurry for 2 h to remove 
the remaining solvent. As an alternative, the reaction 
product can be spray-dried directly to produce the 
final powder product. The volume fraction of silicon 
carbide following encapsulation was determined 
through polymer burnout measurements. 

2.2. Composite fabrication 
Following particle encapsulation, composites of differ- 
ent particle size ranges were formed by compression- 
moulding the powder in a 1 in. (25 ram) diameter die 
press. A pressure of 27 MPa was applied at 150 ~ for 
20 rain. To facilitate comparison, a baseline composite 
system containing 30 vol % of 100 #m 13-silicon car- 
bide particles was also prepared using a conventional 
shear mixing/casting technique. 

To fabricate the cast composite, silicon carbide par- 
ticles were first prepared by mechanical grinding and 
sieving. A measured quantity of methyl methacrylate 
was introduced into a small container. 1 wt % benzoyl 
peroxide (initiator) and 0.03vo1% N,N-dimethyl 
p-toluidine (accelerator) were added. Because of the 
volatile nature of the reactants, the container was 
sealed to prevent reactant evaporation during poly- 
merization. When the viscosity of the polymerizing 
system increased sufficiently to minimize particulate 
settling, the silicon carbide was incorporated and 
mechanically agitated for maximum dispersion. The 
mixture was poured into 1 in. (25 mm) diameter 
mould-released rings placed on a glass plate and al- 
lowed to set. The moulds were cured at l l0~ for 
1 h to complete polymerization. 

The blank composite discs were machined to form 
disc-shaped compact tension DC(T) specimens with 
dimensions scaled to ASTM Standard E 647 require- 
ments [11]. Typical dimensions include a specimen 
width (W) of 17.5 ram, thickness (B) of approximately 
2 ram, and an initial notch length of 11.5 mm (Fig. la). 
The radially edge-cracked disc configuration has been 
shown to be very effective for the testing of PMMA 
when compared to other standard geometries [12]. To 
facilitate post-fracture crack profile evaluation, the 
specimen faces were polished. The specimens were 
tested under both cyclic fatigue and static loading 
conditions. 
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Figure 1 Schematic illustration of experimental arrangement showing (a) the disc-shaped compact tension DC(T)  geometry, and (b) the d.c. 
electrical potential drop technique used t3 monitor crack length. 1" - 25.4 ram. 

2.3. Fatigue-crack growth testing 
Cyclic fatigue-crack propagation rates (da/dN) were 
determined using methods developed by Dauskardt 
and Ritchie [13] for testing of brittle solids*, in gen- 
eral accordance with the current ASTM Standard 
E647-86A for measurements of constant-load ampli- 
tude fatigue crack growth rates [11]. Crack growth 
rates were determined as a function of the applied 
stress-intensity range, AK, obtained from linear-elastic 
fracture mechanics. For the DC(T) test specimens, 
stress intensity values were computed from handbook 
solutions [11] in terms of the applied load P and crack 
length a as 

P 
K = BW1/2 f (a /W)  

where for 0.3 < a / W <  1 

displacement or stress-intensity control. The threshold 
stress intensity range below which crack growth is 
presumed dormant, AKTH, was defined at growth 
rates below 10-11 m per cycle, following ASTM E647 
standard procedure. Under computer control, thre- 
sholds were approached by varying the applied loads 
so that the instantaneous values of crack length a and 
stress intensity range AK varied according to 

AK = AKo exp[-C*(a - ao)] (3) 

where ao and AKo are the initial values of a and AK, 
and C* is the normalized K-gradient (1/K)(dK/da), 
set to - 0.09 per mm of crack extension. 

Crack initiation was achieved by machining a 
wedge-shaped starter notch of approximately 2 mm in 
length, from which a fatigue crack was carefully grown 
under displacement control. 

f (a /W)  
[2 + (a/W)][0 .76 + 4 .8(a /W)  - l l . 5 8 ( a / W )  2 + l l . 4 3 ( a / W )  3 - 4 .08(a/W) 4] 

] -1  - -  (a /m)]  3/2 (1) 

Under cyclic loading the stress-intensity range AK is 
given by 

AK = Kma x - -  Kmi  n (2) 

where Km,x and Kmi  n a r e  the maximum and minimum 
values of the applied loading cycle, respectively. 

Fatigue-crack propagation tests were performed in 
controlled room-temperature (22~ environments 
at a sinusoidal frequency of 50 Hz and a load ratio R 
(ratio of Kmln to Kmax) of 0.1 using an electro-ser- 
vohydraulic mechanical testing system with asso- 
ciated high-speed data acquisition and computer con- 
trol. Tests were carried out under either closed-loop 

Crack length was continuously monitored in situ by 
means of d.c. electrical potential techniques [14]. Thin 
(20 jam) Ni -Cr  metal foils were bonded to the speci- 
men surface and changes in electrical potential with 
crack extension (at constant current) monitored. 
These measurements were relayed to the computer 
for control and data processing (Fig. lb). Crack- 
growth rates, da/dN, were determined automatically 
by numerical differentiation of measurements of crack 
length a as a function of the number of cycles, N. The 
data are presented on a standard log-log graph of 
da/dN as a function of AK. 

* Note that while the P M M A  matrix is not considered a brittle material, the incorporation of a brittle SiC second phase does result in 
markedly lower ductility and fracture toughness values, thereby requiring the advanced mechanical testing techniques developed for brittle 
solids. 
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2.4. Frac ture  t o u g h n e s s  t e s t ing  
Following completion of the sub-critical crack-growth 
test, the composite fracture toughness was determined. 
The specimens containing a fatigue pre-crack were 
loaded under displacement control and the resistance- 
curve (R-curve) behaviour analysed using techniques 
which generally conform to ASTM Standard E399-87 
for the plane-strain fracture toughness of metallic ma- 
terials [15]. The data are presented as a graph of stress 
intensity K] as a function of crack extension Aa. 
Values of the fracture toughness were defined at crack 
initiation K i and at the steady-state plateau, Ko, on 
this curve. 

3. Results 
3.1. Encapsulation processing 
Scanning electron microscopy examination after the 
precipitation polymerization process revealed that the 
SiC particles were fully encapsulated, with only minor 
residual agglomeration between encapsulated par- 
ticles. A representative SEM micrograph showing 
fully encapsulated particles is presented in Fig. 2. For 
comparison, homogeneously precipitated particles of 
PMMA using the same process parameters, but omit- 
ting the reinforcement particles, are shown in Fig. 3. 
The interface formed between the polymer and SiC 
particle substrate was analysed using transmission 
electron microscopy. The encapsulation process pro- 
duced a well-adhered continuous interface, as appar- 
ent in Fig. 4. As expected, no crystalline features were 
observed in the polymer coating. 

comparison* [16]. Crack growth rates span three or- 
ders of magnitude from 10 11 to 10 -9 m per cycle, 
over a range of AK from ~0.3 to 1.1 MPa m 1/2. 
Similar to behaviour in metals [17] and many ceram- 
ics (see e.g. [18]), crack growth data appear to follow 
a conventional Paris power-law relationship over the 
range of growth rates measured, with 

da/dg = C(AK)" (4) 

where C and m are constants typically dependent on 
the material and testing conditions. Values of C and 
m for the composites tested are included in Table I. 

Each composite displayed an apparent fatigue 
threshold, zXKTH, below which no crack growth is 
observed. The fatigue threshold was determined by 
decreasing AK until crack growth was essentially ar- 
rested. Measured values of AKTH ranged from 0.36 to 
0.71 MPa m 1/2. 

A trend of increasing resistance to cyclic fatigue 
crack growth with increasing particle size is clearly 
exhibited. At low growth rates, the 16 lam (EPI6) and 
the 100 lam (EP100) particle size composites exhibited 

3.2. Cyclic fatigue crack-growth 
The fatigue crack-growth rates, da/dN, for encapsula- 
tion-processed and conventionally cast composites 
are plotted as a function of the applied stress intensity 
range, AK, for R = 0.1 in Fig. 5. Data taken from the 
literature for an unreinforced PMMA are included for Figure 3 SEM micrograph showing homogeneously precipitated 

PMMA. 

Figure2 SEM micrograph showing PMMA-encapsulated SiC 
particles. 

Figure 4 TEM micrograph showing the SiC-particle-PMMA inter- 
face. 

* Note that fatigue crack growth behaviour in polymeric materials is sensitive not only to the molecular weight and arrangement (e.g. extent 
of cross-linking and entanglement), but also to fatigue variables such as cyclic frequency, load ratio, etc. [16]. Comparisons with data reported 
in the literature should therefore be treated with appropriate caution. 
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TABLE I Measured values of fracture toughness at initiation K~ and steady-state K,  and fatigue threshold AKru and crack-growth 
parameters m and c, for the composites tested 

Composite Fracture toughness Fatigue 

K i K AKTH m c 
(MPa m l/z) (MPa m 1/2) (MPa m 1/2) (m/cycle (MPa m 1/2) -") 

EP1 0.70 0.71 0.36 6 5.40 x 10 -7 
EP16 1.29 1.50 0.6 13 1.13 x 10 -7 
EP100 2.37 2.95" 0.7 15 1.89 x 10 8 
CC100 1.64 2.22 0.7 18 5.89 x 10 8 

"Extrapolated value. 
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Figure 5 Fatigue crack growth behaviour, in terms of growth rates 
per cycle, da/dN, as a function of the applied stress-intensity range, 
AK, for encapsulation-processed (EP) and cast/mixed (CC) partic- 
ulate-reinforced PMMA-matrix composites with 30vol % SiC: 
(D) EP1, ([]) EP16, (m) EP100, ((3) CC100. ( ) data for unrein- 
forced PMMA taken from the literature [16], included for compari- 
son. 

fatigue thresholds some 67 and 95% higher, respec- 
tively, than the 1 gm (EP1) material. Similar growth 
rates, however, were observed for the shear mixed/cast 
composite (CC100) and the encapsulat ion-processed 
material (EP100), indicating that the two processing 
approaches have little influence on the susceptibility 
of the composi te  to cyclic fatigue. 

3.3. F rac tu re  t o u g h n e s s  
Resistance curves, showing fracture toughness data  as 
a function of crack extension Aa are presented in 
Fig. 6. Toughness  values at crack initiation Ki and at 
the plateau region of the R-curve, Kc, are listed in 
Table I. The measured toughness ranged from 0.69 to 
2.37 M P a  m 1/2 at Ki and from 0.71 to 2.95 M P a  
m 1/2 at Kc. N o  noticeable R-curve behaviour,  that  is, 
increasing resistance to crack extension, was observed 
for the 1 gm particle size composite,  which displayed 
a relatively constant  fracture toughness with crack 
length. 

As the fracture toughness testing was conducted on 
samples with fatigue pre-cracks, the measured values 
may differ from those measured from notched sam- 
ples. While the plateau values, Ko, are likely to be 
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Figure 6 Fracture toughness behaviour in the form of resistance 
curves (R-curves) for the encapsulation-processed (EP) and the 
cast/mixed (CC) particulate-reinforced PMMA-matrix composites 
with 30 vol % SiC: ([]) EP1, ([]) EP16, (m) EP100, (�9 CCI00. 

more conservative due to the "atomically sharp" na- 
ture of the crack tip, the initiation values, Ki, may  be 
higher, reflecting the highest Kma x experienced during 
the prior fatigue test. For  design considerations, 
Ko obtained from fatigue pre-cracked samples repres- 
ents a lower bound  of the maximum toughness value 
for the composite.  

No  steady-state plateau was observed for composite 
EP100, a l though an onset can be seen. Consequently,  
the Kc value for composite EP100 was determined by 
extrapolat ion from the position of first inflection of 
the R-curve. The sustained increase in crack growth 
resistance with increasing crack extension is likely to 
be due to a large-scale bridging effect, and not from 
any intrinsic toughening mechanisms. Such behaviour  
may occur when the absolute size of the bridging zone 
approaches in-plane specimen dimensions [19]. How-  
ever, this has not been experimentally verified in the 
present study. 

Consistent with cyclic fatigue results, fracture 
toughness values were observed to increase with in- 
creasing particle size, resulting from the greater effect- 
iveness of large reinforcement particles. Cont ra ry  to 
the fatigue results, however, a significant improvement  
in fracture toughness was observed for the encapsula- 
t ion-processed composite compared  to the shear 



mixed/cast material. These data indicate that the pro- 
cessing approach plays an important role in the crack 
propagation resistance of particulate composites. 

3.4. Fracture surface morphology 
Representative SEM micrographs indicating typical 
fracture surface morphology for the encapsulation- 
processed composites tested are shown in Fig. 7a-c for 
fatigue loading and Fig. 7d-f  for the R-curve fracture 
tests. Similar micrographs for the mixed/cast com- 
posite are shown in Fig. 8. An increasingly rough 

fracture morphology was apparent, with increasing 
reinforcement particle size for both fatigue and mono- 
tonic fracture surfaces. No evidence of SiC particles 
protruding from the fatigue fracture surfaces was ap- 
parent for the encapsulation-processed composites 
(Fig. 7a-c). The R-curve fracture surfaces of the en- 
capsulation-processed composites (Fig. 7d-f), and 
both fatigue and R-curve surfaces of the mixed/cast 
composite (Fig. 8a, b), all displayed extensive evidence 
of exposed SiC particles. However, only the 1 ~tm 
particle size composite (EP1) showed evidence of fail- 
ure during R-curve testing by primary void growth 

Figure 7 Representative SEM micrographs of the fracture surfaces of encapsulation-processed (EP) composites obtained under (a c) fatigue 
and (d f) R-curve loading conditions. Adjacent micrographs are of composites reinforced with the same particle size, namely 
(a, d) 1 gm, (b, e) I6 gm and (c, f) 100 p,m. Arrow in (a) indicates general direction of crack growth for all micrographs. 
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Fi~;ure 8 Representative SEM micrographs of the flacture surfaces of the cast/mixed (CC) composite reinforced with 100 gm SiC particles 
obtained under (a) fatigue and (b) R-curve loading conditions. Arrow in (a) indicates general direction of crack growth for both micrographs. 

Figure 9 SEM micrograph showing a typical crack profile of the encapsulation-processed PMMA-matrix composite exhibiting crack 
bridging by overlapping ligaments (designated by A) and co-planar ligaments (B). 

and coalescence, producing a ductile cup-cone frac- 
ture morphology, Reinforcement particles were ob- 
served in the fracture surface voids, indicating that 
they may have been initiated by the particles (Fig. 7d). 
This behaviour was not observed for the larger par- 
ticle sizes. 

Closer examination of the fatigue fracture surfaces 
revealed some evidence of step-like fatigue striations 
across the polymer matrix (Fig. 7b), consistent with 
reported observations of fatigue behaviour in neat 
resin PMMAs [161. Also in evidence on all fracture 
surfaces are exposed microfibrils which indicate craze 
development during fracture. Crazes are interpene- 
trating networks of voids and highly stretched polymer 
that develop in high-stress regions such as those found 
ahead of a crack tip. Craze development during crack 
propagation has previously been reported for many 
glassy polymers, including PMMA [16, 201. 

A typical crack path is shown in profile in Fig. 9. 
Evidence of crack bridging by uncracked matrix re- 
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gions spanning the crack surfaces are clearly apparent. 
Both overlapping of the main crack and co-planar 
ligaments from fracture occurring ahead of the crack 
tip were observed. Such evidence of crack bridging 
suggests that crack-tip shielding plays a significant 
role in composite toughening. 

4. D i s c u s s i o n  
4.1. Process ing 
The encapsulation process was optimized by varying 
the concentrations of reactants and nucleation sites 
within solution until a stable heterogeneous nuclea- 
tion regime was reached. When reactant concentra- 
tion is too high, uncontrolled homogeneous nuclea- 
tion occurs in the bulk of solution. This is illustrated 
by a LaMer diagram, where the monomer concentra- 
tion profile is plotted versus time and the homogene- 
ous and heterogeneous nucleation regimes are shown 
(Fig. 10a). A reduction in homogeneous nucleation 
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Figure 10 LaMer diagram indicating the effects of process variables 
on polymer nucleation showing (a) the monomer concentration 
profile as a function of time, (b) reduction of the slope of the profile 
from monomer dilution, and (c) increasing the nucleation sites 
resulting in suppression of homogeneous nucleation. 

can be achieved by either decreasing the concentration 
of reactants by means of further monomer dilution, or 
by increasing the number of nucleation sites available. 
Further monomer dilution reduces the slope of the 
concentration profile (Fig. 10b). Conversely, increas- 
ing the concentration of nucleation sites increases the 
consumption of monomer in the heterogeneous nu- 
cleation regime, thereby delaying or altogether sup- 
pressing homogeneous nucleation (Fig. 10c). 

In extremely dilute monomer solutions, the reaction 
concentration can be precisely varied, thereby con- 
trolling the rate of polymer deposition and giving 
greater control over the coating thickness. Polymer 
loadings of 1.5-2% have been achieved [10], where 
the polymer loading, PL, is defined as 

PMMAweight 
PL = (5) 

PMMAweight + SiCweight 

By increasing the number of possible nucleation sites, 
however, much higher loading can be achieved. Be- 
cause of the desire to achieve high polymer loading, 

close coating thickness control was not attempted. 
Complete heterogeneous nucleation was achieved by 
first increasing the fraction of SiC to near the limit of 
suspendable concentration, followed by slowly de- 
creasing the monomer concentration until the onset of 
homogeneous nucleation was suppressed. 

The observed agglomeration of coated particles is 
consistent with that reported by Coker [10], who 
determined that interparticle agglomeration begins 
to occur at polymer loadings above approximately 
3-6%. However, the critical polymer loading limit for 
agglomeration, P L o  is dependent upon the specific 
nature of the polymer employed. For soft polymers 
such as polyethyl acetate, PLc will be lower, whereas 
for hard polymers such as polymethyl methacrylate, 
PLc will be substantially higher. 

4.2.  Crack  g r o w t h  b e h a v i o u r  
Addition of the particulate reinforcement phase ap- 
pears in general to have enhanced both the toughness 
and resistance to fatigue crack growth of the poly- 
meric-matrix composites. Such improvement was 
most apparent with the largest particle size (100 lam). 
Note, however, that while the resistance to fatigue 
crack growth was increased with particle size, crack 
growth was observed to occur over an increasingly 
narrow range of applied AK. Indeed, values of the 
exponent m in the growth-rate relationship (Equation 
4) are significantly higher than those commonly re- 
ported for metals (typically 2 to 4.) or polymers (typi- 
cally 3 to 10) and closer to exponents reported for 
more brittle materials such as intermetallics and cer- 
amics (typically 15 to 40) [21]. High values of m have 
significant implications for fracture mechanics-based 
life-prediction procedures for components [21, 22]. 

Details of the specific effect of the particles on 
toughness and fatigue crack growth may be elucidated 
by considering their rote in influencing the fracture 
mode and the extent of crack-tip shielding. These 
interactions depend strongly on such variables as 
matrix plasticity, particle size, matrix-particle inter- 
face strength and residual stress states. Using typical 
values for the yield strength cyy and Young's modu- 
lus EpNMA of PMMA [23], estimates of the plastic 
zone size* rv and the craze length lc are presented in 
Table II. Estimates of the crack-tip opening displace- 
ments 6c at K~ are also included in the table. 

4.2. 1. Fracture toughness 
It is immediately apparent from Table II that EP1 
containing 1 I~m particle size reinforcements is the 
only composite in which the particle size is signific- 
antly smaller than estimates of the scale of local crack- 
tip plasticity. Depending on particle-matrix interface 
strength characteristics, these particles may be ex- 
pected to interact with the fracture mode producing 
nucleation sites for ductile microvoid formation. In- 
deed, SEM micrographs of the fracture surfaces of 

* Linear elastic behaviour and small-scale yielding are assumed. More precise analysis of crack-tip plastic deformation should include the 
viscoelastic behaviour of PMMA. 

2203 



T A B L E  II Estimates of plastic zone size, craze length and C T O D  values at K K for the composites tested 

Composite Particle Maximum plastic Maximum craze Crack-tip opening 
size zone size", rp length b, I c displacement ~ 6 
(#m) (gin) (gm) (nm) 

EPl l 11 27 18 
EP16 16 46 122 83 
EPI00 100 181 473 319 
CC100 100 102 268 182 

aComputed from rp = 0.15 (Kc/cry)2 [24]. 
bComputed from lo - 0.4 ( K / ~ )  2 [20], where we assume the crazing stress cyc~-ery. 
~ Computed  from 6o = 0.5 (K~/(E'Cyy) [25], where using a rule of mixtures, E' of the composite was obtained from typical values of EpMM, and 
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~p>Ef  (O'm/O') over r ~  ~'o 
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r I 2 rig 
I 
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Figure 11 Schematic illustration of the stress-modified critical 
strain model for ductile fracture by microvoid growth and coales- 
cence around particles [25]. 

EP1 indicate that the SiC reinforcement particles 
have, in fact, acted as ductile void initiation sites 
(Fig. 7d). Failure is reminiscent of ductile rupture in 
metals from microvoid coalescence [26] where frac- 
ture can be modelled using a stress-modified critical 
strain approach. The onset of ductile crack extension 
at K = Kc is assumed when the local equivalent plas- 
tic strain ~p exceeds a critical fracture strain ~* over 
a characteristic microstructural dimension l*, com- 
parable with the void-initiating particles (Fig. 11). 
This approach, which has been used successfully in 
predicting fracture in ductile metals with pre-existing 
voids [26], yields [27] 

Kc oc (E '~o~ l~ )  ~  (61 

where E' is the effective Young's modulus for plain 
strain and Go is the yield stress. Note that at the point 
of void impingement, the critical fracture strain g* is 
proportional t o  ln(dp/Dp), where dp and Dp are the 
mean void spacing and size, respectively [28]. From 
this analysis it is apparent that while ~* may be 
expected to remain approximately constant (from 
simple geometrical considerations), l* decreases with 
smaller particle size. For the present study, therefore, 
it may be concluded that where particle sizes are 
smaller than the extent of local plasticity, decreasing 
fracture toughness may be expected with smaller par- 
ticle sizes. 
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Alternatively, when the reinforcement particles are 
comparable in size to the extent of crack-tip plasticity, 
crack particle interactions may take other forms de- 
pending strongly on the particle matrix interface 
strength. For the present composites, analysis of the 
cast composite fracture surfaces reveals clean SiC par- 
ticle surfaces, indicating complete interfacial debond- 
ing with relatively brittle cleavage-like failure of the 
matrix. In contrast, the encapsulation-processed com- 
posites reveal reduced debonding of the SiC particles 
and a more fibrous failure of the matrix. Such differ- 
ences in the extent of particle debonding and matrix 
failure mode may be related to residual stresses intro- 
duced during processing. 

Shear mixing requires the introduction of particle 
reinforcement at an intermediate stage of polymer- 
ization, while viscosity is low. At this stage of polymer- 
ization, matrix contraction is only partially complete. 
The polymerization of methyl methacrylate produces 
a net volume decrease (AV) of 28%, as determined 
by the ratio of densities (PMMa=0.936gcm -3, 
PPMMA = 1.2 gm 3). During casting, the matrix is con- 
strained from shrinking by both the mould walls and 
the dispersed particles. These constraints produce 
triaxial tensile stresses within the matrix, which 
weaken the particle matrix interface and result in 
poor mechanical properties of the matrix. 

By contrast, the residual stress levels of encapsula- 
tion-processed composites are much lower. SEM 
micrographs confirm that the failure mode is a mix- 
ture of matrix crazing and interfacial debonding. Since 
the matrix has been fully polymerized before consoli- 
dation, only thermal mismatch stresses are introduced 
into the composite. As a result, the particle matrix 
interface stays intact to a higher applied stress level 
with increased matrix ductility (fracture strain). In this 
case, second-phase particles may be expected to im- 
pede crack advance in a manner similar to hardening 
from dislocation-particle interactions. This pheno- 
menon of crack trapping [29] has been reported for 
crack growth in particulate-reinforced metal-matrix 
composites [30]. 

Controlled particle-matrix debonding may result 
in additional toughening mechanisms, namely zone 
shielding (microcrack toughening) [31], crack deflec- 
tion [32] and crack bridging [33]. Toughening from 
zone shielding results from interfacial debonding/ 
microcracking in a zone of material surrounding the 



crack. The resulting dilated zone is similar to that 
obtained during transformation toughening and may 
provide significant shielding of the crack tip [31]. 
However, excessive debonding degrades the material 
ahead of the crack tip to such an extent that the 
overall resistance to crack propagation is reduced. 
Similarly, excessive debonding reduces the effect- 
iveness of crack deflection. Rather than being forced 
around the obstacles, the crack is attracted to the 
debonded interfaces. 

Finally, significant toughening may be derived from 
crack bridging. Where the reinforcement phase is suffi- 
ciently strong and the reinforcement/matrix relatively 
weak, growth of a crack through the matrix may leave 
the intact reinforcement phase spanning the crack at 
locations behind the crack tip. Energy dissipation in 
the resulting bridging zone from frictional sliding at 
the interface provides the potent toughening seen, for 
example, in fibre-reinforced brittle-matrix composites 
[34]. Alternatively, energy dissipation from plastic 
stretching of ductile-phase reinforcements may pro- 
vide similar beneficial toughening effects as seen, for 
example, in rubber-toughened polymers [35]. How- 
ever, in the present SiC-particle reinforced polymers, 
similar to particulate-reinforced metal-matrix com- 
posites [33] and continuously reinforced ductile- 
matrix composites [36], analysis of crack profiles 
reveals a different mechanism for bridging: that of 
uncracked matrix ligaments spanning the crack sur- 
faces (Fig. 9). 

While a complete analysis of the mechanics of 
matrix ligament bridging is beyond the scope of the 
present study, several simple models have been con- 
structed to account for its potent shielding potential 
[33]. Increased bridging zone length, area fraction of 
uncracked ligaments, strain to failure and strength of 
the matrix ligaments, all contribute to an increased 
shielding capacity of the bridging zone. The greater 
ductility of the encapsulation-processed EP100 matrix 
may therefore have a significant effect on enhancing 
shielding from bridging compared to the less ductile 
CC100 matrix which contains pre-existing residual 
tensile stresses and strains from shear/mix processing. 

4.2.2. Fatigue crack growth 
Unlike fracture under monotonic loading, analysis of 
the fatigue fracture surfaces revealed that the crack 
had completely avoided the reinforcement par- 
ticles for the encapsulation-processed composites 
(Fig. 7a c). No debonding of the particle-matrix in- 
terface was observed, presumably due to the lower 
stress fields encountered during fatigue crack growth. 
Conversely, the weaker particle matrix interface of 
the shear-mixed composite showed extensive debon- 
ding with SiC particles clearly visible on the fatigue 
fracture surface (Fig. 8a). 

The enhanced resistance to fatigue crack growth 
observed for composites with progressively coarser 
reinforcement particle sizes is primarily attributed to 
the increasingly rough fracture surfaces. When viewed 
in profile, the increasingly tortuous path necessitated 
for the crack to avoid the coarser particles is immedi- 

ately apparent. The benefits of such a meandering 
crack path for improved resistance to fatigue crack 
growth are: (i) growth rates are effectively reduced by 
the longer path length of the crack, (ii) the local stress 
intensity at the crack tip is reduced whenever the 
crack deviates from the plane of maximum tensile 
stress (crack deflection mechanisms), and (iii) the local 
near-tip stress intensity range is reduced due to en- 
hanced roughness-induced crack closure. 

Using a simple two-dimensional model for a crack 
with prediodic tilts through an angle 00, where the 
lengths of the linear and deflected segments are c and 
s, respectively, the reduced local crack-tip stress inten- 
sity range, AKtip, can be refated to the nominal ap- 
plied AK by [32] 

(ccos (,/21 + s) 
AKtip \ C + S AK (7) 

The apparent average crack growth rate of the tilted 
crack (da/dN) due to the longer crack path is similarly 
given by 

da (ccosqb + s ) ( d a )  
(8) 

dU \ c ~ - s  ~ L 

where (da/dN)L is the growth rate of the linear (unde- 
flected) crack. It is therefore apparent that increas- 
ingly rough deflected crack paths (increasing qb and c/s 
ratios) result in both a reduced crack driving force and 
a lower apparent crack growth rate. However, assum- 
ing a maximum deflection of ~b = 75 ~ with c/s = 1 
results in predicted reductions of ~20% which, al- 
though significant, does not appear to account for the 
67 to 95% improvements in AKT. observed for the 
coarser particulate composites. 

Alternatively, the presence of SiC particles which 
are significantly larger than estimates of the maximum 
crack-tip opening displacements (CTOD) in Table II 
presents a potentially potent source of crack closure. 
Such premature closing of the crack from asperity 
contact of the rough fracture surfaces behind the crack 
tip results in a significantly reduced crack-tip stress 
intensity range AKti p = Kma x - Kcl, where the closure 
stress intensity Ko~ ~> Kmi n. Particularly at low load 
ratios, roughness-induced closure has been shown to 
result in high closure loads approaching 80% of 
Kmax in particulate-reinforced metal-matrix com- 
posites [30]. Although not measured in the present 
study, similar elevated closure loads are indicative of 
the increasingly rough fracture surfaces for the coarser 
particulate reinforcement, providing a significant 
source of crack-tip shielding. 

Finally, it is interesting to note that while the tough- 
ness of the encapsulation-processed composite EP100 
exhibited a marked improvement compared to the 
cast/mixed CC100 composite, no similar improvement 
of fatigue crack growth resistance was apparent. Such 
behaviour is typical in many material systems where 
fracture modes under monotonic and cyclic loading 
conditions may be sensitive to the effects of different 
microstructural features. In the current study, resist- 
ance to fatigue crack growth is dominated primarily 
by the roughness characteristics of the fatigue fracture 
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path and relatively insensitive to particle matrix de- 
bonding and matrix ductility. In marked contrast, 
fracture toughness is highly sensitive to debonding 
characteristics and the strain to failure of the matrix 
material. 

5. Conclusions 
The results of this study clearly indicate that the 
choice of processing route has a significant effect on 
fracture toughness and little effect on the fatigue- 
crack propagation resistance of particulate-reinforced 
polymeric-matrix composites. The following con- 
clusions are drawn: 

1. The R-curve behaviour of the encapsulation- 
processed composite versus the more traditional 
cast/mixed composite reveals a 33% improvement in 
fracture toughness. Higher residual stress and strain 
levels within the cast composite, together with excess- 
ive particle-matrix debonding, diminish the toughen- 
ing contribution from crack bridging by uncracked 
matrix ligaments. 

2. By contrast, no significant improvement was 
noted for fatigue-crack growth resistance; these results 
are rationalized in terms of the sensitivity of fatigue- 
crack growth to fracture surface morphology and 
a relative insensitivity to matrix ductility. 

3. Increasing fracture toughness and resistance to 
fatigue-crack growth was observed with increasing 
reinforcement particle size. Such trends are consistent 
with increasing contributions from mechanisms of 
crack-tip shielding. 
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